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ABSTRACT: SynchrotronX-raymicrotomography at submicrometer resolutionwas used for investigating
the evolution with tensile deformation (up to true strains of 1.8) of the microstructure of a semi-crystalline
polymer.Different types of data treatmentwere performed on the obtained image stacks. Combining analysis
in real spacewith 2DFFT transforms, wewere able to show that deformed high density polyethylene does not
contain any cavities larger than 1 μm, which contradicts the commonly admitted assumption that whitening
of HDPE upon necking is associated with a crazing mechanism. In contrast, X-ray tomography reveals that
HDPE deformation leads to the development of density contrasts, the spatial repartition of which is strongly
anisotropic.

Introduction

Semicrystalline polymers (SCP) are materials with a structure
built around the association of amorphous and crystalline domains
with a very complex multiscale organization. These materials
are attractive for mechanical applications because they realize a
good compromise between the lightening of structures and the
requirement of performing mechanical properties. In that con-
text, being able to identify robust and consistent behavior laws
for suchmaterials is crucial. Indeed, knowing the behavior law of
the material is a prerequisite for obtaining reliable simulations
using for instance Finite Elements codes. However, at present,
such knowledge remains incomplete, mainly due to the fact that
the complex relationship between SCPsmechanical behavior and
their microstructural reorganization is still far from being clari-
fied.1Many factors influence the damage of these materials upon
their mechanical solicitation: mechanical loading history, defor-
mation rate, time, temperature (SCP are often used in their vit-
reous state, which makes them particularly sensitive to tem-
perature effects), manufacturing conditions etc. In addition, after
loading, these materials exhibit relaxation phenomena that are
rather difficult to quantify. Among SCP’s, high density poly-
ethylene has a mechanical behavior that strongly depends on its
manufacturing process, which modifies for instance its crystal-
linity as well as the size and morphology of both the crystals and
the spherulites. Figure 1 presents, for a constant strain rate of
0.005 s-1, a typical curve for the evolution of the macroscopic
true stress as a function of the true strain. Similar curves are
obtained for deformation rates varying between 0.0001 and
0.02 s-1. It must be emphasized that, as shown by Hiss et al.,2

who studied in detail macroscopic relaxation effects for several
SCPs, deformation processes appear to be controlled by strain
rather than by stress. Various domains can clearly be identified on
such a curve. For very low strains, a limited linear elastic response
is observed. The behavior then evolves to viscoelastic before
the appearance of a yield point for a strain value close to 0.1

characterized by the development of necking associated with a
whitening of the specimen. After the yield point, the mechanical
response is characterized by the presence of a pseudoplateau
corresponding to a softening of the polymer followed by a plastic
or flow regime extending up to a strain value around 1.1. Up to
the strain value of about 0.5, the mechanical behavior remains
fully reversible.2 The material then starts hardening. Referring to
the recent paper by Haward,3 the point where the differential
nominal stress becomes positive (in terms of extension ratio),
sometimes called the second Considere condition, is obtained for
a value of 1.1. It corresponds to the stabilization necking con-
dition and is considered as the transition between the visco-plastic
flow regime and the hyper-elastic or strain-hardening one.

The microstructural transformations associated with these
various ranges of deformation have been studied by numerous
authors4-21 who try to identify the pertinent observation scale
and main mechanisms responsible for the global macroscopic
behavior. Important results have been obtained for the last 4
decades, thanks to the coupling between precise microstructural
investigation techniques and controlled macroscopic true strain
paths applied to the samples.22 Despite these efforts, a complete
scenario describing the dynamical processes leading to topologi-
cal rearrangements of the structure is not available in the case
of crystalline polymers, where various classes of phenomena can
occur simultaneously at different scales.

i. Some phenomena are located in the crystalline phase.
Numerous studies have indeed identified various
mechanisms occurring upon tensile/compressive de-
formation such as the role of slip systems, twinning,
stress-induced (martensitic) transformation4-7 and frag-
mentation (melting) and recrystallization events.8

ii. Some phenomena are related to the interactions be-
tween the amorphous phase and the crystals (inter-
lamellar evolutions, role of the tiemolecules,molecular
motions at segmental scale...).9-12

iii. Cavitation or crazing phenomena have been suggested
by Kramer13 and many others.14-18 Voiding appears*Corresponding author.
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to proceed by nucleation that then propagates in terms
of volume fraction, size, morphological alteration. It
can be considered as an adjustment or delocalization1

mechanism that provides some degrees of freedom to a
constrained microstructure.

iv. At themesoscopic scale, the deformationof spherulites
can to some extent explain the macroscopic behavior
of polymer. This is particularly the case of the change
from a spherulitic organization to a fibrillar structure
observed at high strains.19-21

Obviously all these phenomena can occur simultaneously or
in a delayed manner and are strongly interdependent. The asso-
ciated scientific challenge is then to establish a scenario of the
whole process of morphological transformation of the initial
structure. The present paper focuses on processes occurring at
scales iii and iv. In that range, whitening and softening above
the yield point are classically interpreted as resulting from the
development of microcavities inside the material. Whitening is
then interpreted as resulting from the scattering frommicrovoids
a few tens of nanometers in size.18 Using small angle X-ray
scattering (SAXS), Butler et al.5 have, for instance, shown that
samples whiten when both the martensitic transformation and
voids formation occur. According to their results, the voids first
undergo an extension perpendicularly to the tensile axis. Such a
scheme of cavity development has been retained by numerous
authors,23 who consider that void development is influenced by
the “balance” between the crystalline and amorphous phase, with
the hydrostatic pressure or stress triaxiality as a governing
factor.11,17 Indeed, increasing mobility of the amorphous phase
inhibits the formation and growth of cavities. This occurs for
instance at high-temperature and/or for reduced strain rates. In
contrast, highly crystallinematerials exhibit intense cavitation as,
in such conditions, the amorphous phase is more constrained.
Pawlak16 links the presence of voids in deformed polymers to the
elastic limit of the crystalline phase. Also the size of the spherulite
has a pronounced impact on cavitation. The cavitation process is
also often invoked to explain important volume expansion in the
plastic domain.17

For strain values larger than 0.5-0.6, i.e., at the onset of
irreversibility corresponding to chain disentanglement,2,6 the
structure clearly becomes anisotropic, as revealed by SAXS7,8

and multiple light scattering experiments.24,25 In the frame-
work of voids development, this corresponds to the orientation
of voids along the tensile axis, separating fibrillar structures.
A gradual strain hardening is then observed when this network
is stretched up to large strains. The microstructure at high
deformations then consists of highly oriented microfibrils
(stacks of lamellae) organized into fibril bundles (fibers) with
diameters of a few tens of nanometers and lengths of a few
hundreds of nanometers.20,26,27

Although numerous studies devoted to the mechanical behav-
ior of SCPs have been performed, some aspects related to the
development of anisotropic structures clearly deserve further
attention. For instance synchrotron-based SAXS experiments28

do not univocally establish which phases (dense crystalline
objects, less dense amorphous regions, microfibrils, voids) are
responsible for the scattered intensity. In such a context, the use
of non intrusive 3D techniques with minimal sample preparation
could provide new insight into the mesostructural aspects of
damaging in SCPs. In particular, synchrotron-based X-ray
microtomography appears as a very well adapted technique for
studying the evolution of the morphological features of a HDPE
polymer at different deformation levels. The present paper then
focuses on experiments carried out by X-ray microtomography
with a pixel size of 0.38 μmon a series of HDPE polymer samples
subjected to various strains beforehand. We will show that such
an experimental approach provides very relevant information
about structure anisotropy, while raising some questions about
the commonly accepted model of whitening related to voids
formation.

Materials and Methods

Preparation of the Predeformed Samples. The material tested
in this work is a HDPE (high density polyethylene, grade
“500 Natural”, molecular weight 500 000 g/mol, density
0.95 g/cm3) produced by R€ochling Engineering Plastics KG.
The specimens were manufactured by extrusion and supplied as
sheets. Differential scanning calorimetry yielded a crystallinity
index of about 68 wt% for the specimen. Bone-shaped samples
were cut from a 6 mm thick sheet of polymer and machined
in order to get a narrower central part of square section 6 mm
by 6 mm.

Figure 1. True stress-true strain curve obtained on three HDPE specimens under a tensile test (constant strain rate of ε
·
11 = 0.005 s-1).
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All mechanical tests were performed on a servo-hydraulic
MTS 810 load frame with Flextest SE electronic controller.
A video-extensometer similar to those initially developed byG’sell
et al.22 (Vid�eoTraction system developed by Apollor Union,
France) provides the elastoviscoplastic response of polymers
under uniaxial tension. Local measurements of true strains are
performed at the center of the sample i.e. at the maximum strain
location (where necking takes place). The measurement of the
corresponding force enables plotting the axial true stress-true
strain curve for the sample. As the system controls the servo-
valve of the machine in real time (through a feedback loop),
any desired input path of true strain ε11 can be imposed on the
specimen. Fourteen samples of HDPE were stretched until
various predefined maximal true strains εT (from εT=0 up to
εT=1.80). All tensile tests were performed in the sameway. First,
a tensile phase at constant strain rate ε

·
11=5 �10-3 s-1 was

carried out. The strain rate was then reversed until the true stress
reaches a zero value. Lastly, the system was maintained at zero
stress for about 20 min allowing for relaxation, before the
sample was removed from the machine. The final strain mea-
sured at the end of this recovery stage is recorded and denoted
by εF in Table 1. Figure 2a presents a schematic protocol of
the realized tests whereas parts b and c of Figure 2 display the
temporal evolutions of the true strain and true stress for dif-
ferent tensile elongations εT. Using such a protocol, relaxation
effects following the tensile test are significantly reduced. Still, as
microtomography experiments were carried out about 1 month
after the tensile tests, relaxation proceeds further and this new
strain state εMhas been roughly estimated after the tomographic

experiments thanks to the black markers (used for videomoni-
toring of the strain during themeasurements) still printed on the
surface of highly deformed samples. Table 1 sums up the values
of the various strains. The difference between strains at the end
of the tensile experiments (εF) and the relaxed ones (εM) is about
0.3 for highly stretched samples and decreases with decreasing
strain.

In the next sections, the analysis of the tomographic data is
based on the different “after-one-month” strain states εM. Still
the discussion and interpretations of the results are based on the
scenario summarized on Figure 1 that uses the true dynamic
strain measurements εT. Table 1 can then be used for establish-
ing appropriate correspondences.

Prior to the tomography experiments, the samples were cut,
approximately 4mmabove the central zone (necked area) where
themeasurements of true strainwere carried out. Theywere then
turn-machined at very low rotation speed (to limit heating) until
a circular section approximately 3 mm in diameter (Figure 3)
was obtained.

X-ray Microtomography Experimental System. Experiments
were carried out at the TOMCAT beamline of the Swiss Light
Source (Villigen, Switzerland). The X-ray energy was adjusted
to 10 keV by means of a double crystal multilayer monochro-
mator (DCMM) located at approximately 7 m from the X-rays
source, which is a superbending magnet. The broadband radia-
tion exiting the monochromator has an anguar divergence of
2 mrad by 0.6 mrad with a stream of 5� 1012 (photons/s)/mm2.
The tomographic stage is set up at 25 m downstream from the
X-ray source, where the dimensions of the beam are about
40 mm by 9 mm, but only a fraction of this is used in the current
study. In order to condition the beam, four filters are arranged
at the head of the station. The sample is placed vertically on a
platform that ensures a translation in each direction of space
(accuracy: 1 μm). The rotation speed of the platform can reach
360� per second. Axis z is the vertical axis corresponding to the
longitudinal tensile axis. The sample in Figure 3 was adjusted in
height z so that the beam passes in the exact center of the necked
area with persistent strong white color.

After interacting with the sample, X-rays are collected on a
CCD detector (2048 � 2048 pixels, 14-bit intensity) mounted
on an optical microscope coupled to a 20 μm thin scintillator
screen. Themicroscope allows to change themagnification from
1.25� up to 20�. In the present work, the 20� objective was
used to reach the highest resolution (pixel size of 0.38 μm �
0.38 μm), which results in a spatial resolution of slightly below
1 μm and allows hence to clearly distinguish features in the
object larger than 1 μm. The field of view in this configuration is

Table 1. Values of the True Strains εT, εF, and εM for Each
Deformed Sample

sample εT εF εM

1 0 0 0
2 0.12 0.03 0.02
3 0.20 0.07 0.06
4 0.30 0.12 0.10
5 0.40 0.19 0.15
6 0.50 0.27 0.22
7 0.60 0.35 0.28
8 0.70 0.44 0.35
9 0.90 0.64 0.51
10 1.10 0.84 0.67
11 1.30 1.06 0.85
12 1.50 1.29 1.03
13 1.65 1.47 1.18
14 1.80 1.65 1.32

Figure 2. (a) Schematic description of the tests. (b) Several experiments showing true strain in function of time. (c) True stress as a function of time
of the same experiments.
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0.75mmas compared to the typical sample sizes of 4-6mm. In a
computerized tomography (CT) experiment (Figure 4), radio-
scopic projection images are recorded for a well-defined set of
angular positions of the sample (1501 projections for a total
angular sector of 180�). Using phase contrast technique and
adapted mathematical algorithms developed at SLS, quantita-
tive three-dimensional images of the X-ray absorption coeffi-
cient can then be obtained. A complete reconstructed volume
has a size of 2048 � 2048 � 2048 pixels with16-bit depth. In the
present case, we systematically worked on smaller volumes of
501 � 501 � 501 pixels (extracted from the central part of the
main stack, 8-bit intensity depth), which minimizes calculation
timeswhile still allowing a proper analysis of the evolution of the

mesostructure. Image analysis was performed using two different
procedures. The raw images were first analyzed in real intensity.
They were also processed through 2D process fast Fourier
transforms (FFT) in the three directions x, y, z in order to study
intensity maps in the reciprocal space.

Image Analysis

Analysis in Real Intensity. In this section, the distribution
of the gray levels of the images is studied as a function of
the final corrected true strain εM of the stretched samples.
Figure 5 provides an example of the raw 3Dobjects, obtained
after reconstruction. Figure 5a shows the original recon-
structed image of 2048 � 2048 pixels corresponding to the
upper face (perpendicular to the z-axis). As described above,
the field of view is considerably smaller than the sample size,
therefore so-called local tomography mode has been em-
ployed. This is depicted in Figure 5a where the signal extends
throughout the complete square of 2048� 2048 pixels, while
only the inner part of the visible ring contains the required
information for the tomographic reconstruction. In other
words the inner part of the ring is the useful region of the
reconstruction. As previously mentioned, data analysis was
performed on 3D cubes, 500 voxels in size, extracted inter-
nally in the middle of the original cube (Figure 5, parts b
and c). Figures 5b and 5c present the reconstructed volumes
corresponding to a nondeformed original HDPE sample
and to a highly stretched structure (εM =1.32), respectively.
A visual comparison between these two images reveals
significant changes that need to be further analyzed.

First, the gray level distribution of each image of the stack
(taken in each direction x, y, and z) has been determined.
Then, these 3� 500 distributions have been averaged resulting
in 3 averaged gray level distributions (one for each direction).
The gray level distribution (between 0 and 255) displays a
Gaussian shape, whatever the considered true strain and
analyzed direction (Figure 6). With increasing strain, both
the intensity (insert in Figure 6) and width of the Gaussian
distribution evolve until they reach constant values for a
true strain εM of 0.51. The slight differences between the
two curves PgM

(εF) and PgM
(εM) illustrates the negligible

Figure 4. Schematic representation of the treatment applied to tomography images.

Figure 3. Photograph of a sample in the tomography setup.
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effect of strain recovery with time following the zero-stress
holding period. The Gaussians curves in Figure 6 have all
been normalized by multiplication by the std of the initial
distribution (εM= 0 - undeformed sample). The curve
reported in the inset of Figure 6 shows the evolution of the
normalized maximum peak of the Gaussians. (It also corre-
sponds to the ratio σ1/σi of the s.t.d σ1 of the initial distribu-
tion to the s.t.d σi of the distribution corresponding to the ith
experimental data point). It will be referred to as PgM in the
following, where gM stands for median gray level intensity.
Peak intensities are maximal for the smallest strains until
εM equals to 0.06, i.e., for samples before the yield point
(Figure 1). A significant drop in peak intensity can be
observed for higher strain values up to εM of 0.51, i.e., at the
end of the plastic regime in the σ - ε curve (Figure 1). The
Gaussian then remains constant for higher strain values.

As the gray levels are linked to X-rays absorption con-
trasts, their evolution reveals some features of evolution of
the microstructure with deformation. In the nondeformed
state, the narrow histogram indicates the presence of

homogeneously distributed objects. The widening of the
histograms with constant median suggests that upon defor-
mation, the absorption properties of the initial structures
start being discriminated. This is visually evidenced in
Figure 5c that reveals the presence of oriented structures
with contrasting X-ray absorption. Similar features were
observed on AFM images obtained on HDPE.27 It must be
pointed out that such structures can explain the whitening of
the sample occurring upon deformation in the zone where a
markedwidening of the histograms is observed. The fact that
the median gray level intensity gM remains the same in the
course of the deformation path could indicate that the global
volume fraction of both the crystalline and amorphous phase
remain the same. This is not in agreement with a scenario
implying melting and recrystallization stages.

The results of Figure 6 (insert) are in perfect agreement
with those obtained using a light scattering technique.24,25

This technique allows the measurement of the characteristic
transport length lTr of turbid materials. It is then a way to pre-
cisely quantify the whitening of HDPE samples under drawing.

Figure 5. Examples of 3D objects obtained from the X-ray tomography analysis: (a) Original slice of 2048 � 2048 pixels (upper face); (b and c)
extracted volumes of 500 voxels at εM = 0 (sample 1) and εM = 1.32 (sample 14) deformation, respectively.

Figure 6. Images gray level distributions as a function of true strain εM. Insert: normalized amplitude of theGaussian curves versus εF and εM (shifted).
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This laboratory technique is fast enough to allow for real-
time in situ characterization of specimens.24 Figure 7 plots
the tomographic data PgM (εM) along with the data
obtained by incoherent polarized steady-light transport
(IPSLT technique) during stretching (curve “in situ”), after
stress relaxation (curve “relaxed”), and after unloading until
zero-stress (curve “strain recovery”). This latter then corre-
sponds to the conditions under which tomographic experi-
ments were carried out (curve “X-ray tomography” from
Figure 6). All these curves match perfectly which (i) proves
that it is the strain level achieved during initial stretching that
determines the whitening level of the sample (no obvious
effect due to relaxation or recovery) and (ii) proves that the
whitening evolution characterized by the IPSLT technique
follows the exact same path as the one given by tomography
experiments (same submicrometer probing scale). In the
fibrillar state especially, even if strong recovery is observed
during the one-month delay (inset of Figure 6) for very high
strains, the maximum intensity of the whitening effect was
already definitely obtained.

FFTProcessing.FFT processing of the images was carried
out in order to obtain quantitative information about the
average size of the objects exhibiting an absorption con-
trast with respect to the polymer matrix and the anisotropy
developed by the structure upon stretching. Reconstructed
2D images obtained on each observation axis were then
processed using the conventional 2D FFT routine ofMatlab
and averaged.

Analysis of Correlation Features

For determining the average size of the objects, images
obtained perpendicularly to the z-axis were used. Figure 8 dis-
plays some of the intensitymaps obtained in the x-y plane in the
reciprocal space for various strains. All patterns are isotropic and
display clear modulations for εM > 0.06. Figure 9 shows the
corresponding evolution of the intensity profile as a function
of spatial frequency q (in pixel-1). For deformations higher than
0.1, clearly resolved peaks are observed, which can be assigned
to the presence of short-range correlations in the structure. The
peaks sharpenwith increasing strain (from εM=0.51) and remain
nearly unchanged for higher strain values. Two families of peaks
are observed. Higher order modulations (for q g 0.2 px-1)
are rational with a period of around δcorr* = 0.06 px-1, and their
position on the q axis is independent of strain. Another peak δP1*
is clearly visible at low q values and its position evolves with
increasing strain. Converting δcorr* in the reciprocal space distance
δcorr = δcorr* � 0.38-1px-1

3 μm
-1 brings a typical correlation

length lcorr = 1/δcorr of about 6-7 μm For strains εM e 0.1, the
first peak location can not be assessed precisely and no data is
considered available in this range. Results obtained by FFT

processing suggest that damage in the early deformation stages
(but above the yield point), leads to the apparition in the structure
of differentiated objects with contrasting density. Such a vision
concurs with previously obtained results for HDPE or other
SCP’s2,7,15,16,19,20 that clearly establish that, under strain, the
uniform initial biphasic structure organized in spherulites evolves
through destruction of the spherulites, ruptures and phase trans-
formation in the crystalline aggregates. At the end, it produces a
fibrillar structure associated macroscopically with necking.

In order to better assess the quantitative FT treatment, simu-
lations were performed assuming a random distribution of per-
fect disks of constant diameter D with various volume fractions
(Figure 10a). Figure 10b displays the intensity profile obtained
from the FT of the thus generated images. It exhibits highly
resolved peaks, very similar to those obtained experimentally at
the highest deformed state (εM = 1.32) and at the same position.
The peaks positions are independent of the volume fraction of the
disks and depend only on the value chosen for the disk diameterD.
For a value of 7 μm (Figure 10a, right), the simulation results
are close to the experimental FFT profiles (Figure 10b). All peaks
on the simulated curves are obtained on the experimental curve
except for the second one. The experimental peaks are however
significantly broader than the simulated ones. This is due to
polydispersity effects. Indeed, when polydispersity is introduced
in the simulation (not shown), the peaks at low q values are
broader and the high q peaks tend to fade. No explanation can
be provided at present for the absence of the second peak at
δPextra* = 0.14 in the experimental results (though a shoulder is
visible). Simulations made using more complicated objects such

Figure 8. 2D-FFT patterns obtained for the images taken perpendicu-
larly to the longitudinal tensile z-axis.

Figure 9. Intensity (in log scale) versus reciprocal spacedistance plotted
for different values of εMof theHDPE samples (resulting from isotropic
2D-FFT patterns of Figure 8).

Figure 7. Comparison between X-ray tomography experiments and
light scattering experiments (IPSLT technique).
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as core-shell bodies clearly lead to the appearance of new peaks.
It is however rather tricky (and this is not the object of the present
section) to pretend identifying the topological structure by this
trial and error process as no univocal solution can be derived.
Still, the performed simulation strongly suggests that the vision of
highly deformed HDPE as formed with relatively regular objects
with higher density than that of the matrix captures most of the
features of the tomographic images.

As anisotropic features are clearly observed for highly de-
formed samples (Figure 5c), it is relevant to apply the Fourier
treatment in the other directions to obtain information about the
shape of the denser objects. Further information on the shape of
the denser objects can be obtained by tomography by applying a
similar Fourier treatment to images (x-z) and (y-z), taken in the
longitudinal-section plane. Figure 11 then presents 2D inten-
sity patterns (x-z plane) obtained in the reciprocal space as a
function of εM (similar results are obtained for y-z images). In
addition to strong anisotropic features developing along both the
tensile z-axis (horizontal axis of the patterns) and the transverse
directions x and y, that will be discussed in the following sections,
intensity modulations are clearly observed.

Parts a and b of Figure 12 present the evolution of the intensity
as a function of inverse distance in the horizontal and vertical
directions, respectively. Along the horizontal direction, the peaks
sharpen continuouslywith increasing true strain and the obtained
profiles are similar to those of Figure 9.

Along the vertical direction (Figure 12b), peaks are located at
the same positions. They are however more numerous and more
intensewith amaximum in intensity for a true strain of εM=0.51.
This latter observations suggest that dense objects develop

with the same spatial periodicity in both directions. This could
correspond to objects evolving from a spherical shape to a
z-oriented cylindrical shape with increasing strain

Image Anisotropy Analysis

In the patterns of Figure 11, a first anisotropy develops in the
vertical direction for low strains (εM e 0.35), i.e., in the plane
perpendicular to the tensile axis. For an εM value of 0.51, the
pattern is nearly isotropic, whereas for higher values, an hori-
zontal anisotropy, i.e. along the tensile z-axis, starts appearing.
This latter anisotropy seems to increase with increasing strain.

Figure 13 displays the angular variation of intensity at a radial
distance corresponding to the first peak of the FFT for various
final strains εM. Angles at 0� and 180� correspond to the tensile
z-axis. The anisotropy observed on the images is confirmed from

Figure 10. (a) Tomographic image obtained for εM = 1.32 perpendicularly to the tensile z-axis and idealized image used for the simulation of FFT
profiles of part b. (b) Fourier intensity (in log scale) versus reciprocal space distance plotted for both the experimental tomographic images (curve of
Figure 9, εM = 1.32) and a simulation based on disk-shaped objects (part a).

Figure 11. 2D-FFT patterns obtained for the images taken sideways in
the sole x-axis from the reconstructed volume as a function of εM.
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these plots that reveal a clear evolution of the anisotropy with
strain, and especially an inversion of the direction of anisotropy
that can be observed between the patterns at εM = 0.35 and
εM=0.67. In order to derive quantitative information from these
curves an anisotropy index was defined as:

AðεMÞ ¼ IHðεMÞ- IVðεMÞ
IVðεMÞþ IHðεMÞ

where IV and IH are the linear intensities calculated from the
logarithmic intensities measured for the vertical and horizontal
directions of the FFT images (Figure 11) as shown in Figure 13.
This index definition comes from the theory of light transport by
scattering. It is connected to the special behavior, in given direc-
tions, of the phase function, which allows calculating the scattering
component in the radiative transfer equation. It presents the
advantage of evolving between -1 (full transverse anisotropy)
to þ1 (full longitudinal anisotropy). Another index can be used,
that is thoroughlyused tocharacterize anisotropyof images (media)
in diffraction studies.29 It is Hermans orientation factor defined as

f ¼ 3Æcos2 φæ- 1

2

where Æcos2 φæ is the mean cosine defined by

Æcos2 φæ ¼
R π
0 IðφÞ cos2 φ sin φ dφ
R π
0 IðφÞ sin φ dφ

whereφ is the averaged value of the square of the cosine of the angle
φbetween the z-axis of the sample and theobjects orientationprinci-
pal axis (angle expressing thedependenceof IonFigure 13). It varies
from -

1/2 to þ1.
Figure 14 presents the evolution of both anisotropy indexes as

a function of εM. They are not exactly zero in the undeformed
state because of the anisotropy induced in the direction of the
extrusion process (tensile specimen longitudinal axis). Aniso-
tropy index A decreases for 0.06 e εM e 0.22 and exhibits a
minimum for εM =0.22, i.e., the strain that is generally consid-
ered to correspond to the onset and development of the fibrillar
structure from the initial spherulite organization. Then, this index
reverses to cross the zero level for a value of εM = 0.51. The
strong increase observed at high strain can be associated with the
fibrillation of the deformed polymer. Both indexes naturally
exhibit the same trend.

Discussion

The evolutions of PgM and A with εM are plotted together in
Figure 15. Both quantities do not evolve at very short strains,
before the yield point. The tomography patterns remain isotro-
pic in this range until point A0

1. Above the yield point severe

Figure 12. Intensity (in log scale) versus reciprocal space distance
plotted for different values of εM of the HDPE samples (resulting from
anisotropic 2D-FFT patterns of Figure 11). (a) Horizontal direction.
(b) Vertical direction .

Figure 13. Angular intensity variation taken at the first peak position
δP1* of Figure 12b. The arrows indicate the horizontal direction of the
FFT images which corresponds to the tensile axis in the real space.

Figure 14. Anisotropy indexA andHermans factor as a function of εM.
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transformations occur in thematerial as evidencedmacroscopically
by necking and whitening. Two stages can be clearly defined
about the strain εM= 0.51 which plays a key role in the observa-
tions. In a first phase, εM e 0.51, PgM significantly decreases
whereas the measured anisotropy develops first perpendicularly
to the tensile z-axis before reversing parallel to it. For higher
strain values εMg 0.51,PgM remains constant, whichmeans that
the structure of the objects (the fibrils in that stage) is now estab-
lished. The anisotropy index strongly increases from 0 (point A0

2)
to 0.7. Such a behavior suggests that a strain value εM of around
0.5 corresponds to the onset of the fibrillation process (it refers to
a true strain of εT = 0.9 during a live tensile test, see Figure 1).
Above that point, the fibrils first orientate along the tensile z-axis.
This mechanism is less and less dominant (the slope of the aniso-
tropy signal decreases at very large strains). The fibrils are more
and more defined in a cross section from an elliptic to a disk-
shape geometry, which decreases the dispersion around the aver-
age “diameter”. This probably explains the growing resolution
and reinforcement of the peaks observed in the FFT profiles
(Figures 9 and 12). Second, the fibrils undergo a macroscopic
extension.

In contrast, the origin of the transverse anisotropy observed
for low strains remains unclear at present. Itwas alreadyobserved
in the backscattered intensity images obtained by incoherent light
transport30 and in SAXS experiments.16 In that latter case, this
initial anisotropy was interpreted as resulting from the develop-
ment of crazes, around 40 nm in size elongated perpendicularly
to the strain direction.However, nodefinite answer regarding this
question can be provided, yet. It must be pointed out that the
tomography experiments described in the present paper do not
evidence any formation of cavities in the material upon straining,
although such an explanation is often proposed in the litera-
ture,6,7,14,16 to account for the whitening of the HDPE samples.
The absence of any cavitation phenomenon (even though it is not
responsible of the whitening) may be explained by the initial
structure of the material that does not present any spherulitic
structure as shown in Figure 16. Only a few very small Maltese
crosses can be detected on the original images produced by the
microscope.

It must be emphasized that, in view of the sensitivity of syn-
chrotron-based tomography, the presence of cavities larger than
1 μm3 (corresponding to 9 voxels) would have been easy to detect.
Such a statement is illustrated in Figure 17 that presents the
reconstruction of a sample where a large cavity with very strong
absorption contrast likely due to the presence of a defect can be
observed. Moreover due to the presence of phase contrast infor-
mation simultaneously present in every image acquired with
partially coherent X-rays at synchrotron sources, the presence
of submicrometric cavities is detectable. It can then be safely
stated that the whitening of the HDPE samples studied in the
present paper cannot be assigned to the formation of cavities

larger than some hundred nanometers in size. Still, the existence
ofmuch smaller holes in the samples cannot be ruled out. Indeed,
the existence of voids smaller than 40 nmwas inferred fromSAXS
measurements on deformed samples.16 However, as shown by
preliminary polarized light scattering experiments,30 this cannot
explain sample whitening. Consequently, whitening must be
assigned to scattering by amedium formedwithobjects having an
electronic density contrast compatible with the refractive index
ratio responsible of the light scattering and probably due to the
apparition of a second crystalline structure as revealed by recent
in situWAXS/SAXS studies. This may argue with a microscopic
organization of the deformed structure as paracrystalline macro-
lattices as initially suggested by Hosemann31 and also putted
forward by other authors.29

Figure 17. 3D microtomography showing a large very rare hole in a
sample - deformation of εM = 1.32 (manufacturing defect or local
rending?).

Figure 15. Anisotropy indexA and amplitude peakPgM deduced from
gray-level images, plotted as a function of εM.

Figure 16. Structure of unstretched HDPE under cross-polarized micro-
scope (absence of any spherulitic structure).
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Conclusion

Post-mortem X-ray tomography experiments have been per-
formed on various predeformed samples of a semicrystalline
polymer (HDPE). Synchrotron-based microtomography clearly
appears as a very adapted tool for studying the morphological
evolution of semicrystalline polymers subjected to strain at the
micrometric scale. Analysis in both the real and reciprocal space
allows deriving a structural evolution related to the formation of
fibrils with increasing anisotropy and reduced section, the various
evolutions being linked to the features of the stress/strain curves.
Such experiments also show that the whitening of the samples
occurring after the yield point cannot be assigned to the forma-
tion of cavities larger than 1 μm3 inside the sample. As a con-
sequence, this tomographic study tends to prove that a meso-
structural organization built around crystalline and amorphous
objects of micrometer size (paracrystalline lattice) is likely more
able to model the macroscopic behavior. It would be particularly
relevant in that context to collate tomography experiments with
experiments probing the same spatial range such as incoherent
polarized steady-light transport. Obviously characterization at
the micrometric scale should be combined with experiments
allowing to analyze the sample at lower scale, such as SAXS
andWAXS to derive amultiscale picture of the structural changes
associated with deformation. Finally, the development of instru-
mentation for ultrafast tomographic experiments at synchro-
trons32 is recently beginning to reach a state of maturity. It could
be applied to analyze deformation mechanisms in situ, thus
avoiding problems related with sample relaxation.
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